Making glasses ductile at room temperature is a daunting challenge, but has been shown to be feasible in recent years. We explain the plastic flow from the standpoint of the flexibility available in the amorphous structure: imparting flexibility into the structure facilitates bond switching needed to mediate shear transformations to carry strain. This structure-property correlation is demonstrated using molecular dynamics simulation data. The flexibility can be improved via ultrafast quench or rejuvenation. In particular, the flexibility volume parameter offers a quantitative metric to explain the flexibility and deformability, even for glasses where the commonly cited free volume is not applicable.
Introduction
Glassy or amorphous materials are ubiquitous, offering many useful properties in our daily lives [1] [2] [3] [4] [5] [6] [7] . But they suffer from one major drawback, being usually brittle at room temperature (RT) [8] [9] [10] [11] [12] [13] ; their shape change relies upon viscous flow near or above the glass transition temperature. This poses a challenge to both engineers and scientists. In terms of engineering applications, amorphous solids lack the capability of plastic deformation without fracture under ambient conditions, severely limiting the manufacture and utility of glasses. For example, there is currently a relentless push to make metallic glasses (MGs) ductile at RT so that their use in structural applications can be widened [10] . From the standpoint of materials science, an interesting question to explore is how to facilitate bond breaking and re-forming in the amorphous structure, to mimic viscous flow dynamics (MD) simulation results, which, coupled with these experimental examples, reveal the origin of the ductility achieved. Our thesis is that the flexibility affordable by the atomic bonding and local configurational environment, rather than the sheer magnitude of excess spatial volume (local free volume), quantitatively determines the shear modulus, which scales with the energy barrier for relaxation [14] , and hence controls the (local) propensity for shear transformations. This causal correlation will be demonstrated to be universal for both metallic glasses and covalently bonded glasses. The case studies we discuss in the following also suggest processing strategies that can enhance the flexibility in the amorphous structure, in particular through the retention of, or structural rejuvenation to restore, sufficient heterogeneous liquidlike regions with high flexibility.
Glasses made ductile at room temperature
To set the stage for our discussion of the relationship between structural flexibility and deformability, we first cite experimental examples of glasses made ductile at RT. This is only for brief demonstration purposes, since our emphasis is on the structural origin underlying the flow.
Metallic glasses
There have been a number of recent experimental observations of MGs exhibiting tensile ductility at RT [15] . Figure 1 is a representative case, demonstrating that 'normal-metal-like' behavior is indeed possible for an MG at RT [16, 17] . This engineering stress-strain curve of Cu 49 Zr 51 MG is fully quantitative, showing an apparent Figure 1 . Engineering stress-strain curve of Cu 49 Zr 51 MG. The inset shows the sample used in the in situ test. The arrows point to the gauge section. The high strength ( ∼ 2.5 GPa) observed indicates that the temperature cannot be much higher than RT. Adapted from Ref. [17] . elastic regime, followed by yielding and some uniform elongation accompanying apparent strain hardening, to a rather high tensile strength of ∼ 2.5 GPa (at a strain around 4.6%), where progressive necking starts. The total elongation is ∼ 10%. This tensile strain to failure, and the eventual cone-like shape of the fractured region, is typical of conventional ductile alloys that experiences necking in a uniaxial tensile test. Such a ductile behavior is achieved because the glass sample size is very small (see inset of Figure 1 ), such that it contains no pre-existing nuclei or easy nucleation sites for shear bands. Also, the small sample volume stores limited elastic strain energy and provides only a short runway, such that strain fluctuation across the sample does not get to develop into severe shear localization that evolves into a mature shear band [16, 17] . We note that in this particular case, the Cu 49 Zr 51 MG sample was prepared using melt spinning, such that rapid quench was involved, and the glass structure was further rejuvenated during the cutting of the test specimen using focused ion beam [16, 17] .
Irradiation of MGs using ion beam was also used recently by several other groups [18] [19] [20] [21] , and found to promote ductility. As will be discussed later, this is an effective approach to impart flexibility into the glass structure. One can also use rapid quench to retain flexibility from the parent phase, such as vapor-quench via sputter deposition, to produce Zr-Cu-Al thin films that are ductile in tension [22] . Our discussions later will cover both routes, rapid quench (from the liquid) as well as irradiation (by disposing extra energy to atoms), in our MD models.
Covalently bonded network glasses
Covalently bonded network glasses are well known to be completely brittle at RT. It is therefore somewhat surprising to observe in Figure 2 that an amorphous silica (a-SiO 2 ) ball can be compressed into a pancake without Figure 2 . Compression of a-SiO 2 ball inside an electron microscope. Panels (a)-(c) show the centered dark-field images. In (a), the ball is adhered to the diamond punch and the silicon punch has not moved into the picture. In (b), the ball, after irradiation in (a), is imaged after it has been pressed with the beam off. Subsequently in (c), with the beam on, the ball can be compressed into a pancake without fracture or severe shear localization (shear banding) under a moderate force. The scale bar is 200 nm. Adapted from Ref. [23] .
fracture or severe strain localization. This homogenous shape change clearly involves extensive plastic deformation. Nanowires of normally brittle amorphous silica in fact appeared superplastic in a tensile test inside a TEM [23] . Note that with the imaging e-beam on, the flow stress is a factor of three lower [23] than when the beam is blanked off, producing the pancake-shaped disk within two minutes. This shows that the e-beam dynamic rejuvenation during compression is more effective in making the silica flow than post-irradiation deformation.
We only briefly mention these two examples, one for metallic glasses and one for covalent glasses, because they suffice to motivate the focused discussions in this Perspective on the understanding as to what is happening in the amorphous structure that could make these glassy materials flow at RT. For a survey of making glasses ductile at RT, the readers are referred to Ref. [15] , where it is seen that rapid quench and irradiation rejuvenation are often involved. We will, therefore, use modeling in Sections 3 and 4 to shed light on the changes in the glass structure processed via these two processing routes. In general, the overarching mechanism is the same: it is the retention of, or the rejuvenation to restore, flexibility in the glass structure that makes glass flow at RT upon loading.
Origin of ductility: flexibility versus excess volume
Glasses gain the ability of viscous flow at temperatures near or above the glass transition temperature, due to thermally activated bond switching that reposition and rearrange the atoms [24] . Then what does it take to make the same happen at RT? To answer this question, it is attempting to simply invoke the well-known concept of free volume, v f [25] , which is a widely cited structural parameter in the literature on glasses. On a per atom basis, v f is the 'critical excess' [26] relative to a critical atomic volume corresponding to a reference glass state that has zero free volume. A popular answer to the question we posed above, in numerous papers over the years, is to add more free volume into the glass. v f increases the extra space needed for dilatation during shear transformation, and as a result renders the glass more deformable [27] .
However, this free volume concept is more appropriate for hard sphere models and polymeric glasses, but deficient for describing much softer inter-atomic potentials [28] . The latter also leads to ambiguous or inaccessible reference state [29] , making v f difficult to identify and quantify. In the literature, the more easily measurable average atomic volume a (or Voronoi cell volume, or the volume/density difference from the corresponding crystal) is often used to reflect the free volume content, because the a is expected to scale with the v f . In the following, we will use case studies related to our examples in Section 2, to illustrate the inadequacy of the free volume picture and advocate a flexibility concept that can explain all the ductility trends observed.
Elevating flexibility to make MGs ductile
We begin our discussion with the MGs, as it is a case for which the origin of ductility has often been perceived to be well known. Different from covalent network glasses characterized by localized directional bonds, where the free volume idea is obviously not applicable (see Section 3.2), so far most publications in the MG community have embraced the free volume idea, often using a as the indicator. A rapidly quenched MG is believed to contain more free volume than a slowly cast one and is thus less rigid and more prone to flow [30, 31] . An oftenmentioned reason to resort to the volume-centric a is that MGs have densely packed amorphous structure, so the presence of excess spatial volume would be important to allow dilatation to instigate shear transformation [27] .
However, despite of the frequent citing of v f ( a ), most researchers in the community are aware of the drawbacks with this parameter. This is because v f is not quantifiable as the reference zero-v f state is not well defined [32, 33] . Even the measurable a is not user-friendly, as it is insensitive to composition and processing history of MGs. Here we use MD simulations employing the LAMMPS code [34] and EAM potential [35] , to compare MGs at the same Cu 64 Zr 36 composition. Even when the shear modulus (G) differs by 30% due to different processing history (cooling from the liquid with rates of 1 × 10 9 to 1 × 10 13 K/s), the difference in a is miniscule (15.9043 versus 16.0159 Å 3 , 0.7%) [36] , as shown in Figure 3 . Also, in correlating with deformation kinetics, a does not quantitatively determine any activation parameter. Moreover, even if we assume one can figure out how much change of v f has happened in the sample, e.g. it has increased by 1%, it is still not possible to predict how much change in properties would be induced. It is therefore difficult to use a to explain the MG ductility seen in Figure 1 . This calls for a new parameter, one that can be quantitatively determined and sensitive to processing. We recently defined such a parameter, termed flexibility volume [36] ,
where r 2 is the vibrational mean squared displacement (MSD) and a is the average atomic spacing. Both are temperature dependent so Equation (1) is a quasi-harmonic approximation. v flex can be viewed as an effective free volume, by modifying local atomic volume with the Lindemann ratio. Specifically, v flex combines static atomic volume with dynamics information, through the MSD, which is readily evaluated in the MD model, see an example in Figure 4 . In other words, v flex uses vibrationassessed wiggle room as a probe to 'test the water', to gauge how flexible the local configuration is, under the particular geometrical and bonding environment. Importantly, v flex quantitatively correlates with G [36, 37] , as shown in Figure 5 . It is significant that this correlation is deterministic, because G is known to scale Figure 5 . Correlation between shear modulus (G) and flexibility volume (v flex ) for both MGs and a-Si, including after experienced irradiation. Data of non-irradiated MGs and a-Si were adopted from Ref. [36] and [37] , respectively.
with the activation energy for thermally activated relaxation and the propensity for stress-driven shear transformations [14] . G also scales with the yield strength [38] .
As seen in Figure 3 , the absolute percent change of v flex is comparable to that of G, a clear advantage over the indistinguishable a in the same figure. From the shift of the sample-average v flex by ∼ 25%, one expects a similar percent change in G and a corresponding change in strength. This quantitative correlation is a clear advantage over other previously used parameters such as free volume, fictive temperature [39, 40] , topological disorder (GUMs [41, 42] ), soft spots [43] [44] [45] , or liquid-like flow defects [46, 47] . Figure 6 displays the stress-strain curves in uniaxial tension at 50 K for Cu 64 Zr 36 MG obtained by cooling at 1 × 10 10 and 1 × 10 13 K/s from the liquid. The 1 × 10 10 K/s sample shows an overshoot stress to rejuvenate the structure for initial yielding, followed by a major stress drop on the curve, which is a signature of strain localization [48, 49] . This is in contrast with the 1 × 10 13 K/s sample, showing no overshoot and sustainable plastic flow.
As such, v flex gets around several shortcomings with free volume, particularly its vague and non-quantitative nature. In particular, v flex allows a direct comparison of the structural flexibility after different processing, making it very useful to explaining the strength/ductility behavior such as the prediction of the corresponding change in modulus, strength and uniformity of flow. For the latter, the higher the v flex , the lower the local G, the lower the activation barrier for shear transformations, and hence an easier and more spread-out flow. This can be rationalized by assuming that the plastic flow is proportional to the propensity for (or the rate of) shear flow, P, which in turn is controlled by G ( = Ck B T/υ flex ) [36] in the energy barrier for shear flow,
where α scales with an activation volume and is composition dependent. With v flex increasing via rapid quench and/or irradiation, the probability for shear transformation increases, assuming the prefactor and activation volume remain similar for samples at the same composition. Indeed, there is almost no stress overshoot in the curve of the 1 × 10 13 K/s sample. The glass structure is ready to flow, and after yielding the smooth flow stress plateau suggests stable homogeneous plastic deformation. A direct comparison showing the strain distribution in the sample is presented in Figure 7 for the samples strained to 20% in uniaxial tension. The contrasting behavior of the two MGs is evident. In contrast to the high v flex case of the 1 × 10 13 K/s sample, where shear transformations spread out uniformly throughout the sample, v flex is inadequate in the 1 × 10 10 K/s sample, exhibiting inhomogenous deformation. Strains localize into a single dominant shear band quickly as a result, as contrasted in Figure 7 (upper panel vs. lower panel), and in Movies 1(a, b, c) and 2 (see Supplementary Materials).
Again the drastic difference in plastic flow is attributable to the difference in v flex after cooling at the two different rates: this can be seen by comparing the atomic v flex in the probability distribution compared in Figure 8 for the two cooling rates. The sample with a faster cooling rate has much more local regions with larger v flex compared to the sample with the slower cooling rate. These local regions are fertile sites where shear transformation zones (STZs) prefer to emerge (see Section 4 for further evidence). Such spread-out fertile sites help to distribute the strain to avoid localization into a single severe shear band, as shown in Figure 7 .
Another way to elevate the v flex of an MG is to irradiate the sample with the energetic beam. Note that a remained almost unchanged (15.9043 vs. 16.0104 Å 3 , 0.67%) even after full irradiation of the 1 × 10 9 K/s sample. The sample-average v flex , on the other hand, increased by 23%, to the level equivalent to the 1 × 10 13 K/s sample, as shown in Figure 3 . And the distribution also approaches that of the latter, see Figure 8 . The stress-strain curve (included in Figure 6 ) and the distribution of local strain (not shown) also become similar to that of the 1 × 10 13 K/s sample. Similar irradiation effects on MG ductility were reported by Shi et al. [50] and Albe et al. [51] .
In addition to fully irradiating the MG samples as did by Albe et al. [51] , we also irradiated the free surface normal to the X-direction of Cu 64 Zr 36 MG sample, similar to the simulation of Shi et al. [50] on cylindrical MG samples with a small radius of 3.9 nm. Our work used much larger samples containing 1.6 million atoms: for saving computing time, we first duplicated small cubic sample quenched at cooling rate of 1 × 10 9 K/s containing 32,000 atoms and cell length of ∼ 8 nm (5× along the X-direction), and then opened free surfaces (PBCs for the other two). To simulate the irradiation, on each X free surface a randomly chosen atom < 12 nm from the free surface was taken as the primary knock-on atom (PKA). A velocity parallel to the X-direction is assigned to this atom: the corresponding recoil energy (kinetic energy) is 10,000 eV when the PKA is at the open surface, linearly decreasing to 100 eV at 12 nm. The collision cascade process is similar to that in Ref. [50] . After enough cascade loops when the energy and v flex become steady, the sample was duplicated along the Z-direction by a factor of 10 and relaxed for 1 ns at RT before the final quench to 50 K. Its stress-strain curve in Figure 6 shows apparent workhardening (bending of the curve after yielding), very similar to that observed in Figure 1 (the evolution can be seen in Figure 7 and Movie 3). From the contrast shown in Figure 9 , it appears that the gradual exhaustion of the rejuvenated v flex in the irradiated layer, rather than the annihilation of a , is responsible for the work-hardening observed.
In sum, flexibility volume can be retained via faster quench, and a similar level can also be reached via rejuvenation (irradiation) of a slower cooled (or relaxed) sample (Figures 3 and 8) . These explain the evenly distributed flow observed in Figure 7 , and the experimental observation in Figure 1. 
Flexibility makes covalent network glasses ductile
We next explain the ductile flow of amorphous silica in Figure 2 , again from the flexibility perspective. Such a covalently bonded glass is in fact an example for which the 'free volume' concept is utterly inapplicable. To make our point, in this section we will discuss MD-simulated models of amorphous silicon (a-Si), as a general case study of covalently bonded network glasses (for which amorphous silica and a-Si are typical examples). a-Si has a coordination number ∼ 4 and an open structure to begin with. But the ample 'empty space' is apparently not tantamount to easy flow, and introducing even more spatial volume into the structure makes little difference.
This brings us to the following question: other than spatial volume for dilatation, what else is essential to enable bond switching to mediate shear transformations? As seen in the schematic in Figure 10 , the relocation of the atoms in the shear transformation requires bond breaking and re-forming, so the formation of dangling bonds and weakening of the rigid covalent bonds would be a particularly important pre-requisite for bond Here, the SW a-Si model [37, 52] is used to illustrate our point of view. We are aware that there are other potentials developed to model a-Si (e.g. a modified SW potential with doubled three-body term to increase the degree of bond directionality and thus the stiffness, plus quenching at a constant density with the Tersoff potential [53] [54] [55] ), especially since the SW a-Si model tends to exhibit much more ductility than experimental a-Si in the laboratory [56, 57] . For amorphous silica there has also been much potential development, including ongoing efforts [58] . However, we choose to use the simpler SW potential as a model, which suffices to deliver our main point at a low computational budget. Our message would not depend on the potential used, and the model material is only used to show that the ample space or excess volume available in the open glass structure is insufficient to sustain ductility by itself. The difficulty with plastic flow lies instead in the unforgiven chemical bonds that suffocate the flexibility to realize bond switching. Figure 11 shows the stress-strain curves in uniaxial (pulling along the Z-direction) tension. We observe that the a-Si cooled at 5 × 10 10 K/s requires an overshoot stress of ∼ 5 GPa to initiate flow, followed by obvious localization of plastic strain into very narrow bands as can be seen in Figure 12 (a) after straining to 20%.
We now show what can be done to make a-Si more amenable to plastic deformation. One way is to quench the liquid at rapid rates, e.g. 5 × 10 13 K/s in Figure 11 for SW a-Si. The stress overshoot is eliminated, indicating that the as-quenched glass structure becomes ready to flow, and the flow stresses are also cut by more than half when compared with the slower cooled glasses. The strain localization is also replaced by distributed flow, as compared in Figure 12(b) . In other words, just like MGs, we see that by increasing the quench speed from the liquid, a-Si can indeed be made easier to flow and in a more uniform manner. Now, it is important to note that, the a in the SW a-Si glasses is actually decreasing with increasing quench rate, as demonstrated in Figure 13 , while the glasses become more amenable to flow. It is thus obvious that more spatial volume is not the enabling condition for easier flow. Rather, the bonding at the higher quench rate contains Figure 11 . Stress-strain curves in uniaxial tension (along Zdirection) loaded at 300 K with constant strain rate of 1 × 10 8 s −1 for SW a-Si with PBCs in all three directions and quenched at cooling rate of 5 × 10 10 and 5 × 10 13 K/s and one after irradiation. The stress normal to the loading direction was relaxed to allow for lateral contraction.
more metallic character (and therefore higher coordination number and mass density [46, 47] ), such that the amorphous structure is more flexible for plastic flow despite of the reduction in average atomic volume.
The second route to make glasses ductile is to rejuvenate the already-relaxed amorphous structure. We model this by irradiating the 'slowly' (5 × 10 10 K/s) cooled SW a-Si sample. In simulating the irradiation, the short-range repulsion of the SW potential was modified with the Ziegler-Biersack-Littmark (ZBL) potential [59] , with a spline function joining with SW [60] . Each cascade was initiated by giving a random primary knock-on atom (PKA) a recoil energy of 4 KeV in a random direction. The simulation time for each cascade run was 20 ps under an NVE ensemble. Following each cascade run, a relaxation run was carried out under an NPT ensemble with the cooling rate of 1 × 10 13 K/s, decreasing the system's temperature and pressure to 300 K and 0 bar, respectively. After 150 such loops, we observe in Figure 11 that the irradiated glass shows a stress-strain curve very close to the 1 × 10 13 K/s quenched sample. The strain localization in Figure 12 (a) is also alleviated, as seen in Figure 12 (c). Interestingly, as shown in Figure 13 , the a is actually reduced after irradiation, consistent with the densification reported in previous irradiation studies on amorphous silicon and silica [61] . This demonstrates once again that the spatial free volume picture is not generally applicable as a universal explanation to making glasses ductile.
Next, we show that in this case the flexibility in the amorphous structure remains a powerful indicator to rationalize the deformation readiness. We first note that, even though our a-Si model is a covalently bonded network amorphous material qualitatively different from the metallically bonded and densely packed MGs for which v flex was first demonstrated, the v flex -G correlation in Figure 5 remains valid. This shows v flex is a universally applicable indicator of the rigidity for different types of glasses, even for the 'denser is more deformable' cases.
The faster the quench from liquid, the larger the v flex , as shown in Figure 13 . This signals a smaller G as seen in Figure 5 and reduced energy barrier for inelastic relaxation. The irradiated SW a-Si, while denser with a decreased (Figure 13) , also arrives at an elevated v flex ( Figure 13 ) and in turn a reduced G (Figure 5 ), both similar to that in the fastest quenched glass (including an obvious shift of the distribution of v flex , Figure 14) . So we again conclude that it is the higher flexibility retained or rejuvenated in the amorphous structure that renders the resultant glass more amenable to shear flow [46, 62] . The excess volume or open structure is inconsequential in determining the deformability.
The increased flexibility with reduced atomic volume (or increased density) is due to the more metallic-like bonding retained from liquid Si via the rapid quench [46, 47] . Figure 15 shows that after irradiation, the coordination number of Si shifts from CN = 4 dominated to CN = 5, suggesting the increased population of more liquid-like regions. This latter term was used by Demcowicz and Argon [46, 47] ; now 'liquid-like' region would mean a higher v flex and lower G, both of which are quantifiable. These heterogeneities are shown in Figure 16 . In the next section, we will confirm that the v flex correlates well with the local atomic shear strain, as defined in Ref. [63] and calculated using the OVITO program [64] .
We started in Section 2 with the example that the normally brittle amorphous silica turned very ductile ( Figure 2 ) inside a TEM [23] . The arguments for a-Si above can also be used for amorphous silica, which behaves in many ways similar to a-Si, as another typical covalently bonded network glass. It belongs to the category where the free volume concept is not applicable. The high deformability that the a-SiO 2 ball can be compressed into a pancake is again due to the flexibility imparted into the structure, in this glass enabled by the electron beam irradiating on the sample, as it is being deformed inside an electron microscope. The e-beam illuminating on a-silica dynamically rejuvenates the glass structure, particularly effective when the deformation is carried out in situ when the sample is continuously imaged to monitor its deformation. The weakened bonds due to energy input under ionization irradiation have been found to be akin to ultrafast quench [61] .
SiO 2 is highly susceptible to electron beam softening, such that the entire sample undergoing plastic deformation is constantly rejuvenated by e-beam irradiation, producing many simultaneous bond switching events to contribute to flow. We point out, however, that the exact mechanisms on the electron level that imparts flexibility may be more complicated than, what we have discussed above. For example, our simulation is about the direct breaking of bonds when the incident electrons transfer energy to Si, with a magnitude comparable to their displacement threshold energy, causing knock-on displacement and subsequent collision cascade. But there can also be other effects: e-beam with energies in the 0-100 eV range can cause radiolysis. Let us look at the silicon oxide case. Since all the valence electrons of Si are bound with O, there would be no spare ones left available to fill the Si core hole created by the electron irradiation (via intraatomic Auger decay). Instead, O would have to return the electron lent from Si to accomplish an inter-atomic Auger process [65] .
In any case, both mechanisms sever or weaken the bonding between O and Si and dynamically rejuvenate the silica glass structure, allowing bond breaking all over the sample volume under applied stresses [23] . Meanwhile, the strong and directional covalent bonds would quickly re-form with other neighbors. This bond switching is then akin to thermally activated bond breaking and re-forming in viscous flow at elevated temperatures. It provides the mechanism needed for shear transformations to produce strain and heal incipient damage, as the bond switching reconnects, reorients and relocates the SiO 4 motifs. The brittle silica glass is therefore made not only malleable in compression (Figure 2 ), but also ductile in tension at room temperature [52] .
To recapitulate, in this section we have demonstrated three reasons as to why flexibility is the deciding factor towards plastic flow. First, flexibility is shown to explain the deformability trend, when the free volume is not appropriate to use at all, as seen for a-Si. Second, we also showed that at a glass composition, while a changes little with the different processing history of samples, v flex spans an appreciable range that can be tuned using different processing conditions. The third advantage is that v flex scales with G quantitatively (Figure 5 ), so one can directly connect it with the ease of inelastic relaxation (Equation 2) and compare glasses processed differently.
Note here that so far the discussion is, for the most part, about the sample-average v flex , correlating with the overall strength/ductility of a glass. One can in fact go one step further, to correlate with local atomic-level strains. Such details about local correlations will be discussed in the next section.
Correlating local flexibility with spatially heterogeneous shear transformations
Then, on the level of local atomic strain in glasses, does the local (coarse-grained on nanometer scale) v flex indeed indicate the propensity for shear transformations, which are expected to be heterogeneous and on the nanometer scale in the glass? In this section, we will confirm this heterogeneity and correlation, which is the fourth advantage of using flexibility, an important merit that a again fails to have. A strong correlation of atomic strains with local v flex but not with a will nail down our assertion in the preceding section that flexibility indeed has the ability to account for the readiness of shear transformation, and for the mechanical heterogeneities. We will also confirm that the correlation with local a is very weak. In fact, dense regions can be prone to shear transformations if their v flex is high.
It was shown in Ref. [36, 37] that the magnitude of v flex correlates well with the fertile sites where shear transformations tend to take place in glassy materials under athermal quasistatic shearing [66] . Here we demonstrate that even under uniaxial tensile deformation at 300 K, which is typical in laboratory experiments, it is the v flex , and not the a , that is the meaningful marker of the propensity for shear transformations. To evaluate this correlation, we sort all atoms for each atom species in each sample (Cu 64 Zr 36 and SW a-Si with various cooling history) into bins each containing 10% of all the atoms of that species, based on escalating flexibility volume (v flex,i ) or atomic volume ( a,i ), and then count in each bin the fraction of atoms that have experienced the top 5% atomic strain when the overall uniaxial tensile strain was 3% (with PBCs along all three directions to eliminate the effect from atoms on free surfaces). The trend is clear in Figure 17 (a, c and e) that the larger the coarse-grained v flex in a region, the larger the fraction of atoms with top 5% atomic strain, for both Cu and Zr atoms, respectively, in Cu 64 Zr 36 MG, and for all the Si atoms in SW a-Si. In contrast, the propensity for shear transformation is almost the same for all bins sorted based on increasing a,i , see Figure 17(b, d and f) . In other words, atomic volume offers no useful information with regard to the likelihood of shear transformation. We also found that even at 20% overall sample strain, most atoms having relatively large atomic strain are still those with larger initial v flex . Figure 18 at 3% overall tensile strain. The three insets show the corresponding initial v flex distribution in the three local regions circled. As clearly shown in the figure, the initial v flex is larger in the region with more shear strain but smaller in the region with less shear strain, which confirms the correlation in Figure 17 . These illustrate that flexibility volume can indeed serve as a tell-tale indicator to reflect the mechanical heterogeneity of amorphous materials, but local atomic volume cannot.
The flexibility is distributed heterogeneously in the glass [15, 67, 68] . So the flexibility imparted into the glass structure is consistent with the idea we advocated earlier [15] , i.e. tailoring the amorphous structure to embed more heterogeneities and soft spots that are enriched with geometrically unfavored motifs (GUMs) [41, 42] . Indeed, fast quench or irradiation are expected to retain more disorder and GUMs, which promote v flex and aggregate into patches as structural heterogeneities that in turn produce spatial variations in v flex and mechanical properties.
Concluding remarks on strategies to make glasses ductile
It follows from Section 4 that a higher population and density of high flexibility regions helps to carry imposed deformation and relieve strain localization. Although the cooling rates and strain rates used in our modeling are much faster than that in laboratory experiments due to the spatiotemporal scale limitation in current MD simulations, the trend discussed above should hold. That is, the more local regions with larger flexibility volume in a glass, the more ductile it would be. Glassy solids can all be made ductile at RT, if the amorphous structure is made sufficiently flexible. Flexibility is about the propensity for bond switching upon loading and a high structural flexibility encourages spread-out shear transformations for plastic flow. For glasses a commonly used descriptor about structural flexibility is 'free volume', and glasses are likely to be more deformable if the free volume content is higher. This concept is, however, neither quantitative nor universal. There are several take-home messages from our discussions above. First, flexibility reigns, and an indicator of flexibility is the flexibility volume, not the local excess spatial volume, as shown above with an extreme case of open structure glasses such as amorphous Si and silica. They are made deformable only if the bonding is weakened to afford more flexibility, even though excess volume or elbow room for bond switching is always available. In other words, open space is a given but does not imply deformability. Second, flexibility volume v flex can be quantified, and it quantitatively scales with shear modulus G to influence the relaxation energy barrier. Third, for MGs the variation is miniscule for a , but v flex exhibits pronounced changes for different preparation history and for different compositions. With such a quantitative measure of flexibility, one can now compare glasses at a glass composition but processed differently, or different regions in a given glass (as a local measure of heterogeneous flexibility). Fourth, v flex , easily obtained in MD simulations, provides a quantitative measure to reflect the overall effects of other indicators previously used in the glass community to correlate with deformation, such as fictive temperature, GUMs, liquid-like flow defects, soft spots, etc., each of which focusing on a certain aspect of the glass state/structure. Fifth and finally, the flexibility is non-uniform in glasses, able to account for mechanical heterogeneity. Of course, free volume is also heterogeneous, but shear transformation happens preferentially where flexibility is high, with no meaningful correlation with local atomic volume. This Perspective summarizes these major merits of using flexibility to describe the glass structure and its deformability; other advantages over a have been discussed before in Ref. [36] .
We conclude that if adequate flexibility is activated throughout the sample, the deformation mode can become 'homogeneous'. To that end, one should retain flexibility from the parent phase to begin with, for example by rapid quench from liquid or vapor, or by using 'nanoglass', which consolidates glass nanoparticles together [49, [69] [70] [71] . The other route we demonstrated is to rejuvenate an already-relaxed amorphous structure-irradiation appears to be an effective method in that regard. Other rejuvenation routes including plastic deformation under triaxial stress state [72] , elastoplastic loading [73] and cryogenic thermal cycling [74] ; but they have yet to be shown to be effective in producing large deformability and tensile ductility. Generally speaking, the spread-out heterogeneities with high flexibility avoid the localization of plastic strains. The spatially distributed plastic events can then make glasses flow in a ductile manner at RT.
